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ABSTRACT: The segmental dynamics of PMPS chains are determined in the bulk liquid and cross-
linked networks of varying cross-link density by broad-band dielectric relaxation spectroscopy. A large
fragility index [τ(Tg*/T) dependence], F1/2 ) 0.77, is found, independent of cross-link density, molecular
weight, and Tg. Also independent of the above variables is the relaxation shape (characterized by a KWW
â parameter of 0.45). Since these parameters quantifying the R process in PMPS networks are insensitive
to cross-linking, it is concluded that the length scale of cooperatively rearranging domains in PMPS
networks is smaller than the distance between cross-links, i.e., less than 5 nm, in agreement with the
current consensus. An argument based on the temperature dependence of the dielectric relaxation strength,
dipole moment, and ensemble average chain configuration was advanced, suggesting that the high fragility
of PMPS has an intramolecular origin.

Introduction

The dynamics of the segmental relaxation process (R
relaxation) in chemically cross-linking networks has
been the subject of recent interest.1-9 A variety of cross-
linking systems have been explored, ranging from highly
cross-linked thermoset-forming epoxide/amine formu-
lations1,5-9 to rubbery-gel-forming polyurethanes,4 to
cross-linked copolymers,3 to randomly cross-linked
homopolymers via reactive side groups.2 Missing from
these studies has been the case of polymers cross-linked
via reactive end groups. With such an approach the
distance between cross-links may be directly controlled,
allowing the inquisition of several fundamental dynam-
ics characteristics, such as the length scale of coopera-
tively rearranging domains10,11 and the primitive seg-
mental correlation length.12,13 Length scales for the
cooperatively rearranging domain associated with the
R process have been extracted from such diverse tech-
niques as NMR,14 atomic force microscopy,15 calorime-
try,10 dielectric relaxation spectroscopy on polymers and
molecular liquids confined within nanoporous glass,16,17

confined thin-film liquids under shear,18 probe molecule
rotational/translational mobility differences,19 dynamic
and static light scattering,20-23 spectral hole burning,24

and molecular dynamics simulations.25 The present
consensus is that this length scale is approximately 2-5
nm.

Of the experimental techniques available for the
study of relaxation processes in polymers, polymer
networks, and low molecular weight glass-formers,
dielectric relaxation spectroscopy (DRS) is rapidly be-
coming a dominant tool.26 The molecular-level response
probed, the wide frequency range available (12-14
decades), ease of sample preparation, and short mea-
surement times are a few advantages. One of the
limitations of DRS in the studies of molecular dynamics
is that the material under study must contain a
permanent dipole, though the type and concentration
of dipoles can vary during cross-linking.

To systematize the various scenarios possible, we
propose a classification scheme based on four general
classes of cross-linking reactions that result in network
formation and can be probed by DRS: Class 1: dipoles
present in the reactants are not involved in the chemical
reaction so that the product contains the same concen-
tration (normalized for density changes) and type of
dipolar groups (e.g., telechelic polymer chains with low-
polarity reactive end groups and dipolar groups in the
polymer backbonessuch as vinyl-terminated siloxane
polymers). Class 2: dipoles present in the reactants (not
necessarily all of them) are involved in the reaction, and
a new type of dipole is formed (e.g., a reactive mixture
of epoxide- and amine-containing molecules which react
forming secondary and tertiary amines and hydroxyl
groups). Class 3: dipoles present in the reactants (not
necessarily all of them) react to form nonpolar groups
(e.g., cyanate ester resins which cross-link to form
symmetric nonpolar triazine rings). Class 4: no dipoles
are present among the reactants but are formed during
the reaction (e.g., oxidation of polyethylene by radiation
cross-linking). General examples of all of these classes
are illustrated in Figure 1. The above scheme encom-
passes only systems that undergo chemical cross-linking
and does not include physical cross-linking, hydrogen-
bonded structures, reversible gels, etc.

Dynamics of a class 1 cross-linking system are under
investigation in this paper. An ideal polymer network-
forming system for such dynamics studies will meet the
following criteria: simple molecular structure, lack of
strong specific interactions, facile supercooling (in order
to avoid complications due to crystallization), and well-
characterized monomer or neat polymer segmental
dynamics. A candidate polymer meeting those criteria
is an end-group-functionalized poly(methylphenylsilox-
ane) (PMPS). Additionally, PMPS is an important
polymer, with notable flexibility,27 high-temperature
stability, and tunable optical properties.

The objective of the present work is to investigate the
reorientational dynamics of PMPS of both neat polymer
and samples of varied cross-link densities. To character-
ize quantitatively the segmental dynamics, we use the* To whom correspondence should be addressed.
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conventional relaxation function and relaxation time
temperature dependence models. We discuss the results
in terms of cooperative and segmental length scales.

Theoretical and Experimental Background
Dielectric Relaxation Spectroscopy. The response

of a material with permanent dipoles to an applied
electromagnetic field can be written as a complex
permittivity,28,29 ε* (in the frequency range where only
dipole relaxations are occurring):

where ω is angular frequency, ε∞ is the dielectric
constant at ω . ωmax where ω is sufficiently high such
that only atomic and electronic polarizations contribute
(at ω > secondary â processes), and ε0 is the static
dielectric constant which contains the contributions of
ε∞ with the addition of polarizations due to permanent
dipoles. φ(t) describes the polarization decay and is often

modeled by eq 2, the Kohlrausch-Willams-Watts30

(KWW) equation:

where C is a constant, τ is the relaxation time, and â is
a stretching exponent ranging from 0 to 1. Since we
obtain ε* in the frequency domain, we transform the
relaxation kernel (eq 2) from the time domain into the
frequency domain, using the technique described by
Dishon et al.30 and then fit the experimental data to
the transformed kernel with appropriate parameters.

Alternatively, ε*(ω) may be modeled by a number of
empirical functions, one of which was originated by
Havriliak and Negami,32 the HN function, given by

where a and b are the dispersion shape parameters, σ
is the conductivity, n accounts for deviations in migrat-

Figure 1. Classification scheme for dipolar group compositional changes during cross-linking.

ε*(iω) - ε∞

ε0 - ε∞
) 1 - iω∫0

∞
exp(-iωt)φ(t) dt (1)

φ(t) ) Ce-(t/τ)â
(2)

ε*(ω) ) ε∞ +
ε0 - ε∞

[1 + (iωτHN)a]b
+ i σ

ωn
εv

(3)
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ing charge mechanisms, and εv is the vacuum permit-
tivity. The other parameters are defined in eq 1.

We next briefly outline considerations for examining
the temperature dependence of the relaxation times
extracted from dielectric experiments via eqs 2 or 3.

Quantifying the Temperature Dependence of
the Relaxation Time. Relaxation times for molecular
dynamic observables, such as the apparent segmental
dipolar reorientation time, τmax, obtained in the dielec-
tric experiment, depend very sensitively on tempera-
ture. Changes with temperature of τmax range over 14
decades in time, reflecting the molecular dynamic
extremes of the rapid dynamics in the liquid regime, to
the very slow dynamics of structural relaxations in
amorphous solids. Despite over 100 years of investiga-
tion, a consensus on the most appropriate form to
quantify the behavior has not been reached. Several of
the models have been recently reviewed by Richert and
Angell33 and by Stickel et al.34 A starting point is the
Arrhenius plot: a presentation of relaxation data in the
form of log(τ) vs 1/T, which may be subsequently scaled
to allow comparison of materials with differing Tg’s by
plotting log(τ) vs Tg/T or occasionally (T - Tg)/Tg. It is
well-known that the primary relaxation in glass-formers
deviates from a thermally activated Arrhenius formsa
more severe change in τ with decreasing temperature
is usually found. Such behavior is often acceptably
modeled by the empirical Vogel-Fulcher-Tammann
(VFT) equation:35

where τ0 is the high temperature-high frequency limit
for τ, Ea is an apparent activation energy for the process,
k is the Boltzmann constant, and Tv, the Vogel temper-
ature, is a temperature below Tg where the relaxation
is considered to be frozensall of these parameters are
usually taken to be fitting constants. Further interpre-
tations and fundamental physical arguments resulting
in the VFT form may be found in the literature.36-38 A
careful analysis of the model reveals that the VFT
equation is not valid over the entire experimental
temperature range for low molecular weight glass-
formers.34 However, for many polymers and glass-
forming low molecular weight liquids the VFT form
yields an adequate fit.39,40 Whether a model fits experi-
mental observation within objective criteria will, of
course, depend on the objective criteria. There are two
central issues to be considered as motivating factors for
reorientational dynamics investigations: (1) a search for
a general law for the τ(T) data for any glass-former
typically with an intention of finding critical tempera-
tures or temperature ranges (e.g., mode coupling
theories37)sin this case the most stringent objective
criteria are required; and (2) a search for a method of
obtaining a unique fingerprint or signature of the τ(T)
behavior of a material so that different materials may
be quantitatively compared and the parameters gained
from such a method related to molecular characteristics.
Naturally, less stringent objective criteria may be
required if the models result in acceptably distinct
“fingerprint” parameters.

Toward fingerprinting methods, several approaches
have been advanced, all of which seek a unique, single
indexing parameter, characterizing a material’s τ(Tg/
T) behavior. Since a single index is desired, scalings

such as Tg/T are introduced to condense the parameters
into one. Forms that directly fit τ(T) data have multiple
parameters (e.g., VFT has three). We will follow the
literature and generically refer to these indices as
fragility40 indices (one can also find them referred to as
cooperativity42 indices); we will be elaborating on the
term fragility, shortly. A commonly used fragility index,
also known as the steepness index,45 is defined by

There are inherent difficulties in obtaining this slope
at temperatures near Tg, where the largest experimental
errors are found. (The relaxation times are near the
instrumentation limits, temperatures are low and dif-
ficult to stabilize for the necessarily long measurement
periods, and structural relaxation (physical aging) ef-
fects may undesirably contribute.) Another fragility
index is F*, defined by

which is obtained after fitting the experimental data to
eq 5 (VFT) and also requires a determination of Tg. To
compare F* indices of different materials, it is recom-
mended to fix the VFT τ0 at the attempt frequency value
of 10-14 s.39 This index suffers from its link to the VFT
model which, as previously mentioned, may not yield a
sufficiently accurate fit. Recently, a new τ(T) bench-
mark, F1/2, has been advanced by Richert and Angel.33

The index is defined

where T1/2 is defined by the relation

The approach circumvents the limitations surrounding
the previously mentioned steepness index, m. In this
case, F1/2 is obtained at temperatures and experimental
frequencies that are within the range of greatest
experimental confidence. Additionally, the Tg/T region
where F1/2 is determined is one in which differences in
material τ values are greatest, so that a high degree of
discrimination between materials with similar τ(T)
dependencies can be made. Hence, F1/2 is the fragility
index we will use in our analysis. It should be noted
that difficulties arise for this approach if an R/â cross-
over occurs in this 10-6 s region.

Attempts to connect the fragility indices to molecular
characteristics have been made.36,41,42 They are often
summarized in simplified rules: the greater the index,
the more fundamental relaxing structures (molecule,
portion of molecule, cooperatively rearranging domain)
in a material are subject to interactions (cooperativity42)
and the more the liquid morphology, or liquid quasi-
order,38,43 is degraded with increasing temperature. A
classic example of a material with a low fragility index
(because of which it is called a strong glass-former) is
silica glass, a highly coordinated inorganic network-
former which remains quasi-ordered over a wide tem-
perature range. A high-fragility index example is TMPC
(tetramethylpolycarbonate),45 having a highly temper-

τ ) τ0 exp[ Ea

k(T - Tv)] (4)

m )
d log τmax

d(Tg/T)
|T)Tg

(5)

F* )
Tv

Tg
(6)

F1/2 ) 2
Tg

T1/2
- 1 (7)

τ(T1/2) ) 10-6 s
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ature-dependent segmental mobility attributed to the
rigid, sterically hindering aromatic rings in the polymer
backbone. As phrased by Roland and Ngai,44 “...smoother,
less polar, more compact, symmetric and flexible chemi-
cal structures, and those having less sterically-hindering
pendant groups...” are those classifiable as low fragility/
low cooperativity materials. These qualitative relations
have been found to hold for a narrow range of poly-
mers.42 Although investigating these relations is not the
focus of the present work, to clarify our findings on
siloxane networks we have examined the relaxation
dynamics of a wide range of materials, including poly-
mers and molecular liquids. Our attempts to identify a
pattern correlating molecular structure and fragility
index are described below.

We reiterate that the primary aim of this investiga-
tion is to determine the influence of network connectiv-
ity on the R process τ(T) behavior and to inquire whether
the above τ(T) models are sensitive to structural differ-
ences in polymer networks.

Experimental Section
Materials. The reactive polymer, vinyl-terminated poly-

(methylphenylsiloxane), PMPS, was obtained from Gelest, Inc.
A schematic of the polymer network-forming reaction is shown
in Figure 2. The cross-linker, tetrakis(dimethylsiloxy)siloxane,
and catalyst, platinum cyclovinylmethylsiloxane complex, were
obtained from United Chemical Technologies and were used
as-received in the following preparation steps. The PMPS was
washed in toluene, followed by precipitation in methanol. The
polymer was then dried in a vacuum oven at 110 °C for 24 h.
Size exclusion chromatography (SEC) was performed on a
Waters (model 590) (in tetrahydrofuran at 1 mL/min, poly-
styrene calibration standards) where a weight-average mo-
lecular weight of ∼2200 g/mol and a number-average molec-
ular weight of ∼1500 g/mol were found. (These values are
approximate due to the use of polystyrene high molecular
weight standards.) 1H NMR (200 MHz) was used to ensure
the purity of the polymer and also yielded an approximate
agreement with the SEC number-average molecular weight
(from the area under the vinyl and phenyl peaks, assuming
the presence of no molecular cycles) for a value of 14 repeat
units in the polymer. The glass transition temperatures for
all of the polymer and various gel compositions were deter-
mined (DSC inflection point) on a TA Instrument Co. model
2920, with sample sizes of ∼10 mg and a heating rate of 10
°C/min; the Tg’s are given in Table 1. By varying the concen-
tration of the tetrafunctional cross-linker, we can control the
cross-link density. The following compositions were used: (1)
neat polymer (PMPS); (2) excess polymer 0.298% w/w to cross-

linker (PMPS149), forming high molecular weight branched
structures (but nongelled); (3) a stoichiometric mixture of
polymer and cross-linker 7.48% w/w (PMPS374), this composi-
tion forming the tightest network structure; and (4) an excess
of cross-linker 14.9% w/w (PMPS747), forming a network that
is plasticized with cross-linker. The compositions were pre-
pared, and the platinum-catalyzed hydrosilylation46,47 reaction
was carried out at room temperature with 0.02% w/w of
catalyst complex. The reaction was followed by the disappear-
ance of vinyl groups with mid-IR spectroscopy (Nicolet Magna
750, FTIR); for all compositions after 48 h the vinyl group
absorbance reached a constant level, and the reaction was
considered to be finished. The PMPS747 and PMPS374
samples form gels (as determined by visual inspection and
handling of the reaction test tubes), while the PMPS149
sample is a highly viscous liquid.

Dielectric Relaxation Spectroscopy. A detailed descrip-
tion of our experimental facility for dielectric measurements
is given elsewhere.7 However, briefly, we have used a Solartron
1260 impedance/gain-phase analyzer to cover the frequency
range 10-3 Hz to 10 MHz. This analyzer was used in conjunc-
tion with a high-impedance adapter of variable gain and a
high-precision heating and cooling chamber, both from NO-
VOCONTROL, GmBH. From 1 to 1600 MHz an HP4291A
impedance analyzer was used in conjunction with a sample
cell, high-precision extension air line, and calibration software
from NOVOCONTROL GmBH. An HP8752A network ana-
lyzer was used for the frequency range 10 MHz to 1.3 GHz,
making use of our own modified sample cell and software to
calculate the complex dielectric constant from the measured
reflection coefficients.

Results and Discussion
Dielectric constant and loss were measured for each

network composition across a wide frequency and tem-
perature range. As the dielectric constant and loss are
directly related via the Kramers-Kronig relations, for
simplicity we present only the loss data in Figure 3. The
solid curves are HN function best fits with the low-
frequency conductivity contribution subtracted. The
parameters are given in Table 2. There are no obvious
trends in the HN a and b loss peak shape parameters
(see Table 2); however, it is evident from Figure 3 that
the HN function provides an adequate fit to the data.

Since the τHN, eq 3, is not equivalent to the apparent
relaxation time (recall that the apparent relaxation
time, τapp ) τmax, is the reciprocal of the loss peak
frequency (in radians) from the dielectric loss peak) for
HN parameters a and b * 1, we must calculate it from
the following relation:

where the parameters are the same as in eq 3. The
temperature dependence of τmax for selected composi-

Figure 2. Network forming reaction of poly(methylphenyl-
siloxane).

Table 1. Temperature Dependence of Relaxation Time
Parameters from VFT Fit and Fragility Indices for
Several Indicated PMPS Network Compositionsa

material
Tg[DSC]

(K)
Tv,14
(K)

Ev,14
(eV) τ0 (s)

Tv
(K)

Ev
(eV) F1/2

PMPS 221 190.9 0.093 1.61e-15b 187.7 0.108 0.77
PMPS2 247 208.7 0.104 1.79e-14 210.2 0.098 0.76
PMPS149 227 198.0 0.090 3.96e-14 201.1 0.079 0.78
PMPS374 230 205.8 0.092 1.23e-13 210.4 0.074 0.78
PMPS747 224 192.7 0.097 6.96e-16 187.5 0.121 0.76

a Tv,14 and Ev,14 are from fits with τ0 ) 1014 (s); Tv and Ev are
obtained with the corresponding fit value of τ0. b Read as 1.61 ×
10-15.

τmax ) 1
2πfmax

) τHN[sin( aπ
2 + 2b)]1/a[sin( abπ

2 + 2b)]-1/a

(8)
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tions is shown in Figure 4. We include for comparison
data of Boese et al.48 on a higher molecular weight
(∼28 500 Da) linear PMPS sample. Also included are
several high-frequency data points, for clarity not shown
in Figure 3. The solid curves in Figure 4 are VFT fits;
the corresponding parameters are listed in Table 1.
Table 1 includes results from two versions of VFT fits:
the first setting τ0 ) 10-14 s, yielding Tv14 and Ea14, and
the second with τ0 free and the resulting parameters
on the right-hand side of the table. While different
PMPS networks have different Tg’s, evidenced by the
low-temperature τmax behavior, the trends in the tem-
perature dependence appear to be similar. This is
verified when scaling τmax by Tg*/T (where Tg* is the
operational definition of Tg: the temperature at which
τmax is 100 s), as shown in Figure 5. The solid line in
the main plot of Figure 5 is the Arrhenius limiting case.
The inset of Figure 5 shows a magnified portion of the
low-temperature region of the main plot. The solid curve
in the inset and in the main plot is the VFT fit for the
PMPS149 composition. (The VFT parameters from any
of the other compositions generate curves with similarly
good fits.)

It is of interest here to describe our procedure for
generating Figure 5. Since our VFT fits with τ0 ) 10-14

s are excellent, we can evaluate Tg* (the temperature
at τ ) 100 s) by applying the fit VFT parameters and
utilizing a rearrangement of the VFT equation:

where k is the Boltzmann constant, 86.2 × 10-6 eV/K,

τ is 100 s, and τ0 is 10-14 s. We note that in situations
where the VFT fit is not as good significant error in
extrapolation of τ to T f Tg will result, and as pointed
out in the literature,7,42 one must choose Tg* to be a
temperature where experimental data have been ob-
tained. However, in that situation the fragility indices
will not be comparable with those arrived at by the
former method (Tg*, τ ) 100 s) and will need to be
recalculated using the new Tg*.

We may quantify the temperature dependence of τmax
by any of the models discussed in the theory section.
We have used VFT fits whose parameters are presented
in Table 1. Additionally we have calculated a value for
the steepness index, m, of 107, an F* of 0.87, and an
F1/2 value of 0.77. These values place the polymer with
materials such as propylene carbonate with an m of 104
and the binary mixture of toluene and chlorobenzene
with an m of 107.49 These materials are considered to
be on the fragile end of the strong-fragile classification
scheme (an exception at even higher fragility is PVC
with an m of 200, though this value was obtained from
a mechanical measurement).53 We have also examined
the data of Kirst et al.51 on linear and cyclic PDMS
chains and calculated the F1/2 parameter, which is in
agreement with our value of 0.77.

The question is raised whether the apparent high
fragility of PMPS is significant and whether there are
underlying molecular features that define a material as
fragile or strong? To help answer this question, we
examine dielectric relaxation data on a wide variety of
materials, presented in the form of a relaxation map in
Figure 6. This figure emphasizes the range of differences
in τ(Tg*/T) behavior for materials with widely differing
molecular structures. The entries in Figure 6 include
various polymers, the siloxane networks in the present
study, and molecular liquids. Their chemical structures,
VFT parameters, and fragility indices are summarized
in Table 3. With the exceptions of 2 and 10, all other
materials were measured in our laboratory. Clearly the
PMPS polymers are among the more fragile materials;
however, it is difficult to rationalize the similarity
between the behavior of PMPS, PDMS (poly(dimethyl-
siloxane)), and some of the other materials with similar
fragility, such as the molecular liquids DGEBA and
MDA.50 In fact, the similarity in fragility for PMPS and
PDMS seems to be counter to the qualitative predictions
set out in the Introduction. Since PMPS has a larger
pendant group than PDMS (phenyl vs methyl), then
based on the qualitative predictions an expectation of
a significantly greater fragility should follow but is not
found. While in the case of DGEBA and MDA, both are
low molecular weight materials, their Tg’s are nearly
equivalent, each has a very similar aromatic center
portion, both have the active dipoles on the end of the
molecules, and both have a potential for hydrogen
bonding. On the basis of that a priori molecular infor-
mation, we may expect them to have similar fragility;
this expectation is experimentally borne out. It remains
unclear whether there can be any significance to the
above four materials having very similar fragilities,
since their molecular characteristics are quite differ-
ent: polymer vs nonpolymer, hydrogen-bonding vs non-
hydrogen-bonding, aromatic-containing (all except PDMS)
vs non-aromatic-containing (PDMS), high-polarity (DGE-
BA) vs low-polarity (PDMS/PMPS), and with Tg’s dif-
fering by 100 K. The factors governing fragility are

Figure 3. Dielectric loss in the frequency domain at specified
temperatures for indicated compositions.

Tg* ) Tv +
Ea

k(ln τ - ln τ0)
(9)
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obviously a confluence of inter- and intramolecular
interactions, but a deconvolution of these interactions
does not seem possible from the τ(Tg/T) behavior alone.

Despite the difficulty interpreting the fragility pat-
terns, the siloxane polymers and networks in this
investigation exhibit a larger fragility than would be
expected for materials having a flexible Si-O backbone
and a low Tg. In the following passages we consider
several molecular explanations for the high fragility.

We first address the possibility that the fragility is
correlated with secondary relaxations. The secondary
process of interest is the phenyl ring flip. This process
is not dielectrically active; hence, the low-temperature
dielectric data (where secondary relaxations would be
most noticeable) are featureless for all of the composi-
tions. Another technique has been applied to the study
of this process by Meier et al., who have observed the

phenyl flip mechanism via neutron scattering and
NMR.52 They found that the phenyl flip is coupled to
the segmental R motion at high temperatures and
decoupled at temperatures near and below Tg.52 Tem-
peratures near Tg are the most revealing of a materials
fragility; therefore, since the phenyl flip is decoupled
from the R process in this temperature range, the
fragility is not correlated with it.

We next analyze the shape of the R process for both
temperature and composition dependencies and seek its
relation to fragility. We present in Figure 7master plots
of the normalized dielectric loss for all of the composi-
tions at selected temperatures. The solid curves are
best-fit KWW functions. A contribution to the dielectric
loss from conductivity is present at low frequencies;
however, when ignoring the conductivity component, all
four compositions have the same KWW fit â parameters
of 0.45 (error (0.01), indicating a cross-link-density-
independent R relaxation distribution. We note that
Boese et al.48 also report a KWW â of 0.45 for their
higher molecular weight, linear PMPS, measured by
DRS and dynamic light scattering. A theoretical con-
nection between fragility and relaxation shape has been
advanced by Ngai et al., in terms of a coupling model41

where the primitive relaxation is coupled to a “heat
bath” and the relaxing segment cooperates with neigh-
boring nonbonded segments, and separately by Vilgis36

as an energy landscape model. Subsequently, the fragil-
ity to relaxation shape relations were experimentally
verified,45,53 indicating a strong positive correlation
between these properties for many materials (there are
a few exceptions53). The fragility/relaxation shape rela-
tion is also in agreement with the scaling work of Dixon
et al.,54 who showed that the relaxation width may be
scaled with the temperature dependence of the relax-

Table 2. Temperature Dependence of the HN Relaxation Function Fit Parameters at Selected Temperatures and PMPS/
Cross-Linker Compositions

material T (K) σ (S/cm) n ∆ε ε∞ a b τHN (s) τmax (s)

PMPS 229 5.89e-16a 1.00 0.212 2.29 0.60 0.60 2.57e-2 1.87e-2
251 6.16e-14 0.90 0.140 2.29 0.69 0.60 1.06e-6 5.45e-7

PMPS149 236 1.58e-14 0.80 0.220 2.28 0.59 0.67 1.44e-2 7.71e-3
260 2.76e-12 0.85 0.150 2.28 0.56 0.98 2.34e-7 2.34e-7

PMPS374 242 3.13e-15 1.00 0.420 2.33 0.45 0.99 8.15e-2 8.15e-2
269 1.10e-11 0.81 0.220 2.29 0.67 0.80 3.72e-7 2.76e-7

PMPS747 227 ∼1e-20b 1.00 0.240 2.31 0.66 0.46 4.00e+0 1.38e+0
260 1.12e-16 0.70 0.192 2.31 0.70 0.38 5.55e-7 1.81e-7

a Read as 5.89 × 10-16. b Low sensitivity limit of instrument.

Figure 4. Temperature dependence of apparent relaxation
time, τmax, for all compositions.

Figure 5. Tg/T scaled temperature dependence of apparent
relaxation time, τmax, for all compositions. Inset shows mag-
nification of Tg/T range from 0.85 to 1.

Figure 6. Tg/T scaled temperature dependence of apparent
relaxation time, τmax, for various polymers and molecular
liquids; the numbers correspond to the materials in Table 3.
The solid lines are VFT fits, and the parameters are given in
Table 3.
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ation time to generate a material-independent master
curve. It is then not surprising that for the networks
studied here, since no change in the relaxation shape
is found for any of the cross-link densities tested, their
fragilities are also invariant with cross-linking.

Finally, we examine the ensemble average molecular
configurations of PMPS networks as a possible link to
fragility. An additional piece of information obtained
from DRS measurements is the relaxation strength, ∆ε
) ε0 - ε∞, related to chemical structure and ensemble
average chain configuration through the dipole moment,
µ. The temperature dependence of ∆ε may then be used
to find the temperature dependence of µ, which may
offer additional insight on the fragility issue. The
Onsager equation29 establishes the connection between
dipole moment and permittivity and is written

where µ is the molecular dipole moment for an unas-
sociated (freely rotating) molecule in the bulk liquid, k
is the Boltzmann constant, T is the temperature, M is
the molecular weight, F is the density, Na is Avogadro’s
number, and ε∞ and ε0 are defined in eq 1. The definition
of M and F in eq 10 must be redefined for a cross-linked
network. We use the molecular weight between cross-
links, i.e., the prepolymer molecular weight, and the
prepolymer density.

The temperature dependence of ∆ε is often difficult
to unambiguously obtain due to a temperature-depend-
ent overlap of R and â processes. However, since there
is no dielectrically detectable secondary â process in
these polymers, we were able to accurately collect these
data and plot it versus 1000/T (K) in Figure 8. The two
solid lines represent the Curie law: ∆ε ∝ 1/T, each with
a different slope. The Curie law holds if the individual
dipolar orientations are uncorrelated. Since the relax-
ation strength for these PMPS polymers is changing
more rapidly with temperature than either Curie law
curve shown in Figure 8, the Si-O dipoles appear to be
partially correlated. A plot of reduced permittivity (the
rightmost factor on the rhs of eq 10) vs 1/T, shown in
Figure 9, reveals that in fact the dipole moment is
increasing with decreasing temperature. This interpre-
tation is based on the following. The bounds for the slope
of the reduced permittivity (given the behavior predicted
by the Onsager equation, eq 10) are given by the solid
lines in Figure 9. The experimental reduced permittivity
slopes are too steep to be represented by eq 10, unless
the dipole moment is increasing with decreasing tem-
perature. The temperature dependence is µ ) 0.85‚
(1000/T [K]) - 1.55. From these data we calculate the
mean-squared dipole moment relative to the dipole
moment of a freely rotating chain (dipole moment ratio),
〈µ2〉/nm2, where n is the number of skeletal bonds and
m is the dipole moment of a skeletal bond. For our neat

Table 3. Temperature Dependence of Relaxation Time Parameters from VFT Fit and Fragility Indices for Several
Polymers and Molecular Liquids

no. (Figure 6) material Ea,14 (eV) Tv,14 (K) Tg* (K) F1/2

1 glycerol 0.182 124.2 181.5 0.52
2 poly(acetaldehyde), ref 28 0.220 163.0 232.2 0.54
3 poly(vinyl acetate) 0.200 241.5 304.4 0.65
4 poly(propyleneoxide) 0.129 156.4 197.0 0.65
5 poly(methylhydrosiloxane) 0.066 103.1 123.8 0.71
6 PMPS 0.104 208.7 241.4 0.77
7 poly(dimethylsiloxane) 0.058 130.1 148.3 0.78
8 diglicidyl ether of Bisphenol A 0.098 223.5 254.3 0.78
9 methylenedianiline 0.094 224.5 254.0 0.79

10 poly(2-hydroxypropyl ether Bisphenol A), ref 63 0.114 331.5 367.3 0.82

Figure 7. Normalized dielectric loss for the compositions
specified in Figure 3.

Figure 8. Relaxation strength for PMPS networks vs 1000/
T.

〈µ2〉 ) 9kTM
4FπNa

(ε0 - ε∞)(2ε0 + ε∞)

ε0(ε∞ + 2)2
(10)
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PMPS sample, we obtain 0.26 at 25 °C, in good agree-
ment with the value found by Salom et al.55 of 0.28. A
value less than one indicates hindered rotation around
the Si-O skeletal bonds. In the above 〈µ2〉 calculations
we use the density temperature dependence reported
by Fytas et al.56 on a similar molecular weight linear
PMPS. Variations in density temperature dependence
between our samples are not expected; moreover, they
would not significantly affect the above calculations.

The Si-O unit dipoles apparently become more favor-
ably aligned with decreasing temperature in all net-
works, although the degree of dipole correlation appears
to be a complex function of cross-link density. For
example, the highest cross-link density PMPS374 shows
the greatest deviation from the Curie law, while the
deviations in the other samples do not follow a simple
monotonic law with decreasing cross-link density. As
mentioned above, Salom et al.55 have theoretically and
experimentally obtained 〈µ2〉/nm2 on neat PMPS chains
at 25 °C. Their calculations were based on a rotational
isomeric state (RIS) model,57 which did not take into
account intermolecular interactions. A similar study by
Llorente et al.58 showed an excellent agreement between
RIS calculations (which also neglected intermolecular
interactions) and strain birefringence measurements of
the temperature coefficient of the unperturbed chain
dimensions. One may then conclude that the excellent
agreement found between experiment and the RIS
calculations indicates that intermolecular interactions
do not significantly influence the PMPS mean-squared
dipole moment; the temperature dependence of 〈µ2〉
must have an intramolecular origin. An important
intramolecular interaction was elucidated by Mark et
al.59 They applied the RIS model, calculated 〈r0

2〉/nl2 for
PMPS chains, and found an attractive interaction
between phenyl rings on adjacent skeletal silicon atoms.
They found this unusual effect (contrary to vinyl poly-
mers, where the adjacent pendant-group interactions
are repulsive) to be due to the relatively long Si-O bond
of 1.64 Å, and the large Si-O-Si bond angle of 143°,
placing adjacent phenyl rings in the attractive region
(separation of 3.8 Å for this pentane-type interaction)
of the Lennard-Jones interaction potential. Another
finding of the Mark study is that the temperature
coefficient of 〈r0

2〉 is positive, indicating a highly trans-
favored isomerization at low temperatures. Flory et al.60

reported that trans sequences are 0.85 kcal/mol lower
in energy than gauche for PDMS polymer chains. These
results suggest a qualitative prediction. On the basis
of the PMPS chain geometry (cf. Figure 10) with
increasing length of trans sequences, the resulting net

dipole moment of a given chain in such a configuration
will decrease; for a closed planar cycle of 11 Si-O bonds
the net dipole moment will vanish.61 Thus, one expects
that, by decreasing the temperature and increasing the
trans population, the dipole moment should decrease.
Our findings are at odds with this prediction. One
possible explanation is that the molecular dipole mo-
ment (and corresponding chain configuration popula-
tion) goes through a maximum with decreasing tem-
perature. This maximum will be undetectable under the
following circumstances. To obtain the relaxation
strength, the relaxed component of the permittivity is
required, but when the glass transition begins to set in,
continued measurements of the relaxation strength to
lower temperatures are prohibited and we are unable
to reach sufficiently low temperatures to cross the
maximum. It may prove interesting to investigate this
aspect of the dipole moment of Si-O chains using
computer simulations, which would not be constrained
by the experimental glass transition. At this point we
may conclude, on the basis of the relaxation strength
(dipole moment) observations outlined above, that the
high fragility in PMPS may have an intramolecular
origin.

We would like to change the discussion now from the
topic of fragility and focus our attention on the implica-
tions of changing cross-link density on the length scale
of the segmental dynamics. First, recall that the fragility
index of PMPS has been shown to be independent of
cross-link density, molecular weight, and Tg. Also
independent of these variables is the relaxation shape
(characterized by a KWW â parameter). The fact that
no change in the fragility index was found may not be
significant, since several dissimilar materials were
found to have equivalent indices. However, the fragility
information taken together with the unchanged relax-
ation shape suggests the following conclusion. Since
these segmental dynamic measures are not sensitive to
the different PMPS structures examined, gels and linear
chains, this implies that the relaxing segments are
smaller than the distance between cross-links (∼14
repeat units). An understanding of primitive segmental
dynamics is, unfortunately, not directly accessible
through a DRS test, as the dipole-containing segments
are relaxing within cooperatively rearranging domains.
It is not possible to predict how the domains ought to
behave on the basis of molecular structure at present,
although a recent attempt has been made.12 Neverthe-
less, if the domain size distribution had been affected
by cross-linking, one of the manifestations in a DRS test
would be through the relaxation distribution (KWW â
parameter). Since this is not the case for the PMPS
networks here, we may infer that the characteristic
domain size is smaller than the distance between cross-

Figure 9. Reduced relaxation strength vs 1000/T.

Figure 10. Illustration of planar all-trans chain configuration
of PMPS. The bond angles and segmental dipole moments are
indicated.
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links. In other terminology, although density fluctua-
tions are quenched in regions very close to cross-links,
fluctuations in density between the cross-links are not
significantly disturbedsif the characteristic domain size
were larger than this distance, upon cross-linking all
fluctuations on this scale would be quenched, and only
local (noncooperative) modes of relaxation would be
observed.62 We conclude that the distance between
cross-links (∼28 skeletal Si-O bond lengths, ∼50 Å) is
greater than the length of the primitive segment and
the cooperatively rearranging domain; the length scale
of the R process in PMPS networks is less than 5 nm.
The upper length bound would be somewhat smaller
than 5 nm if there is some immobilization near the
cross-links. This size is in agreement with the value of
about 2-5 nm, recently reported in several investiga-
tions of the cooperative length scale in polymers and
molecular liquids.

Conclusions

The dynamics of PMPS chains were determined in the
bulk liquid and cross-linked networks of varying cross-
link density. The following findings were made. PMPS
exhibits a large fragility index [τ(Tg*/T) dependence],
F1/2 ) 0.77, which is independent of cross-link density,
molecular weight, and Tg. Also independent of the above
variables is the relaxation shape (characterized by a
KWW â parameter of 0.45). On the basis of dipole
moment observations, the high fragility of PMPS may
have an intramolecular origin. Since the parameters
quantifying the R process in PMPS networks are
insensitive to cross-linking, it is concluded that the R
length scale in PMPS networks is less than 5 nm. The
R dynamics for a wide range of materials were con-
trasted with PMPS in a fragility (cooperativity) plot.
There appears to be no obvious relation between mo-
lecular structure and the rate of change of the relaxation
time when plotted in this manner.
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